We report on the defect states incorporated in a-plane GaN crystals grown on r-plane sapphire substrates by hydride vapor phase epitaxy (HVPE), using deep level transient spectroscopy (DLTS). Two defect states were observed at 0.2 eV and 0.55 eV below the conduction band minimum with defect densities of 5 × 10 12 /cm 3 and 4.7 × 10 13 /cm 3 , respectively. The size of capture cross section, non-linear relation of trap densities from the depth profile, filling pulse width, and PL measurements indicated that the electronic deep trap levels in a-plane GaN on r-plane sapphire by HVPE originated from noninteracting point defects such as N Ga , complex defects involving Si, O, or C, and V Ga -related centres. Even though the a-plane GaN templates were grown by HVPE with high growth rates, the electronic deep trap characteristics are comparable to those of a-plane GaN layers of high crystal quality grown by MOCVD. This study prove that the growth of a-plane GaN templates on r-plane sapphire by HVPE is a promising method to obtain a-plane GaN layers efficiently and economically without the degradation of electrical characteristics.
Group III-nitrides and their compounds have been significantly considered as adequate materials for opto-electronic applications. Although a great device performance has been achieved for gallium nitride (GaN)-based light-emitting diodes (LEDs), the conventional GaN-based devices with c-polarity suffer from a quantum-confined stark effect (QCSE) along their orientations that is induced by spontaneous polarisation and a piezoelectric field. This leads to a large spatial separation between the electron and hole wave functions, resulting in the dissipation of the internal quantum efficiency in quantum well layers [1] [2] [3] . Meanwhile, it is well known that this negative effect of polar GaN-based devices can be made negligible by the use of non-polar GaN layers 4, 5 . Owing to this expectation, the research on non-polar GaN has gained considerable attention recently 6, 7 . Researchers have studied the growth of non-polar GaN using various techniques. One of the well-known methods for fabricating non-polar GaN substrates is to slice bulk polar GaN along the non-polar direction 8 . However, this method is not appropriate for commercial purposes because of its low productivity and size limitation. The most feasible, popular, and commercially available method for non-polar GaN substrate fabrication is heteroepitaxially growing non-polar GaN on foreign substrates, using metal organic chemical vapour deposition (MOCVD), molecular beam epitaxy (MBE), or hydride vapor-phase epitaxy (HVPE) [9] [10] [11] . Among these methods, HVPE is the most promising because it provides a high throughput and relatively good crystal quality. However, the opto-electrical and structural properties of non-polar GaN layers grown by HVPE with high growth rates could be worse than those of the GaN-layers grown by MOCVD. Nevertheless, the growth of non-polar thick GaN layers on sapphire by HVPE has been considered owing to its high throughput 12 . In spite of the importance given to the non-polar GaN layers grown by HVPE, little has been known about their electronic deep level states. To better understand their states, it is required to understand, identify, and characterise the defects embedded in the non-polar GaN layers grown by HVPE; this can help optimise the performance of non-polar GaN-based devices.
In this study, we employed deep level transition spectroscopy measurements to investigate the electrically activated defect states of a-plane GaN layers grown on r-plane sapphire by HVPE. Figure 1(a,b) show the DLTS spectra and Arrhenius plots respectively of the defect states in a-plane GaN layers grown on r-plane sapphire substrates by HVPE. Here, the DLTS signal from 70 K to 370 K was measured at an emission rate (e n ) of 0.92 Hz under an applied filling pulse width of 15 ms, where the pulse voltage is 0 V and the reverse bias voltage is −3 V. Two DLTS signals are clearly shown, and labelled as A1 and A2.
From the Arrhenius plot shown in Fig. 1(a) , the defect parameters such as activation energy (E a ), capture cross section (σ n ), and defect density of A1 and A2 were obtained and have been summarised in Table 1 . The E a and σ n of the defect states can be calculated from the emission rate equation 13 :
where e n is the emission rate, T the absolute temperature, k Boltzmann's constant, m * effective mass of the carrier, and h Plank's constant.
In addition, the trap densities can be evaluated as follows
where N d is the donor concentration, ∆C is the capacitance change during relaxation and F is the spectrometer function of 3.5 used in this work. The two defect levels of A1 and A2 are positioned at 0.2 eV and 0.55 eV below the conduction band, respectively. The defect A2 (E c − 0.55 eV) is the dominant defect with a defect density of 4.7 × 10 13 /cm 3 and a capture cross section of 4.4 × 10 −17 cm 2 . Meanwhile, the trap A1 with a relatively low DLTS signal has a density of 5.0 × 10 12 /cm 3 and capture cross section 1.14 × 10 −17 cm 2 . These low trap densities are comparable to those of a-plane GaN layers with high crystal quality grown by MOCVD 13, 15, 16 . Considering this, we speculate that a-plane GaN templates grown by HVPE possess a desirable advantage in view of throughput for the formation of opto-electrical devices, compared to those grown by MOCVD.
The detected trap level A1 (Ec − 0.2 eV) and the level A2 (Ec − 0.55 eV) are commonly observed in the other literatures regardless of the growth method and orientation [17] [18] [19] . The A1 trap has been reported to relate to the native defects that strongly bonded to threading dislocations 20 , which are composed of complex defects with Ga vacancy (V Ga ) such as V N -V Ga 21 . Furthermore, the trap A2 can be considered as point defects associated with nitrogen anti-site (N Ga ) 22 , complex defects involving Si, O, or C 23 or intrinsic defects 24 . To clarify the origin of the deep trap levels in the a-plane GaN layers grown on r-plane sapphire by HVPE, we investigated the DLTS signals as a function of the filling pulse width (t p ), as has been described in Fig. 2 . It is essential to note that the DLTS signal is independent of the filling pulse width. Indeed, defects can be classified into non-interacting and interacting types. The non-interacting defects such as point defects do not influence each other. On the other hand, the interacting defects such as dislocations and stacking faults affect carrier capture and emission in the surrounding regions. It is well known that trap occupancy in the case of non-interacting defects depends exponentially on t p while that of interacting defects are proportional to ln(t p ) 13 . Because a plot of a DLTS signal as a function of ln(t p ) should produce a straight line for linearly arranged interacting defects and a non-linear curve for non-interacting defects, a correlation between the extended defects and deep levels can be identified. From the results of Fig. 2 , it is found that A2 can be classified as a point defect because the DLTS signals of A1 and A2 are independent of t p .(See Fig. S1 ) In addition, considering the size of cross-section of the defects A1 and A2, it can be concluded that both A1 and A2 are point and not dislocation defects. Figure 3 (a) shows the defect density and carrier concentration of A1 and A2 in the a-plane GaN layer as a function of depth under different applied reverse bias conditions from −3 V to −9 V that are obtained from the DLTS signal and capacitance-voltage profile, respectively. The reverse bias condition determines the measurement depth from the surface of an a-plane GaN layer. In other words, when a higher reverse bias is applied to the a-plane GaN layer, the defect and the carrier concentration appear at a deeper depth. As shown in Fig. 3(a) , the signal corresponding to the defect was almost constant through the sample depth. Considering the non-linear relation between the DLTS signal and ln (t p ) and capture cross-section (~10 17 cm 2 ) of A1 and A2, it is concluded that the origin of these defects is related to the non-interacting point defects. Furthermore, from the photoluminescence (PL) measurement at room temperature shown in Fig. 3(b) , the a-plane GaN shows a broad band emission near 2.24 eV, which is attributed to yellow defect luminescence with a FWHM of about 100 nm. Lyons et al. computed that V Ga and substitutional oxygen (O N ) complex may give rise to yellow luminescence near an emission peak of ~2.2 eV, using density-functional theory (DFT) 25 . Furthermore, Neugebauer et al. reported that yellow luminescence results from the V Ga -O N complex that is formed during high temperature growth 26 . It is well known that O N is common in n-GaN as a dopant or impurity 27 . Note that the typical GaN layers grown by HVPE include oxygen concentration owing to an unintentional doping by quartz tube and residual oxygen in the HVPE reactor. Therefore, the result of Fig. 3(b) is consistent with the DLTS results that A2 is dominant defect associated with complex defects involving oxygen, and the previous reports.
Conclusions
In summary, DLTS analysis was employed to investigate the electronic trap levels in a-plane GaN grown on r-plane sapphire by HVPE. Two electron traps at Ec − 0. variation of defect densities (from the depth profile), filling pulse width, and PL measurements confirmed that the defect states originated from non-interacting point defects such as N Ga , complex defects involving Si, O or C and V Ga -related centres. Even though the a-plane GaN layers were grown by HVPE with high growth rates, which can result in low crystal qualities, the characteristics of their defect states are compared to those of a-plane GaN with high crystal quality grown using MOCVD. We believe that the growth of a-plane GaN templates on r-plane sapphire by HVPE is a promising method for the development of non-polar GaN-based high-performance devices.
Methods
Non-polar a-plane GaN layers were grown on 2-inch (1-102) r-plane sapphire substrates using a vertical-type downstream HVPE system with a reactor diameter of 6 inches. To prevent the development of significant stresses during non-polar GaN growth on the substrates, the substrates were subjected to a surface treatment before growth. The treatment consisted of HCl etching (flow rate: 70 sccm) and nitridation with NH 3 gas (flow rate: 2500 sccm) for 5 min. This treatment resulted in the formation of a discontinuous GaN nanodot buffer layer on the substrates 28 . Scanning electron microscopy (SEM) analysis revealed the discontinuous layer to be composed of GaN nanodots (not shown in this paper). Subsequently, GaN was grown on the GaN nandot buffer layer under atmospheric pressure and temperature ~1080 °C. The HCl gas (flow rate: 40 sccm) was reacted with liquid Ga metal to form GaCl gas (conversion efficiency ~15%). Subsequently, GaCl was transported to the growth zone where it reacted with NH 3 , leading to GaN layer growth. The total flow rate of N 2 used as the carrier gas was 15000 sccm and the V/III ratio was approximately 6. The thickness of the grown non-polar a-plane GaN layers was 5 µm. The densities of stacking fault and threading dislocation were 4.12 × 10 5 /cm, and 3.86 × 10 9 /cm 2 , respectively. (Not shown in this paper) These values are comparable to those grown by MOCVD 29, 30 . For the electrical characterisation of a-plane GaN grown on r-plane sapphire using HVPE, Al(150 nm) layers of 3 mm diameter were deposited on a-plane GaN as ohmic contacts using a thermal evaporator. The ohmic contacts were then annealed at 550 °C in an Ar ambient to improve contact formation. Subsequently, Schottky contacts of 300 µm diameter were fabricated by an electron beam evaporator using Au (40 nm) on the a-plane GaN layers, followed by rapid thermal annealing in Ar at 550 °C. The measurements of the deep level traps in the a-plane GaN layers grown on r-plane sapphire by HVPE were performed in an indigenously developed system, using a 100 mV signal at 1 MHz in the temperature range 70-370 K. In addition, the optical properties of the a-plane GaN layers grown on r-plane sapphire using HVPE were determined by PL measurements using a He-Cd laser of excitation wavelength 325 nm and output power 10 mW at room temperature.
